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Abstract

Past attempts to develop a micro-mechanistic model for the hydrogen uptake process during zirconium oxidation
have concentrated on solid state diffusion through a barrier oxide. Experimental results have often been invalidated by
artefacts. Recently it has become evident that the uptake may be via flaws in the oxide film which penetrate, at least
briefly, up to the metal-oxide interface. An attempt to characterise and locate such flaws in oxide films on specimens
from a number of batches of several zirconium alloys is reported here, using cathodic polarization to deposit small Cu
balls on the active cathodic sites and scanning electron microscopy to identify and characterize these sites. In oxides on
Zircaloy-2 samples, the cathodic sites were usually small cracks in the oxide, sometimes (but not always) at pits where
intermetallic particles had been etched out during the initial surface preparation. The same cathodic sites could be
decorated during successive cathodic polarizations, but even a short subsequent oxidation (1 day, 400°C steam) re-
passivated all previous sites, and created new ones. In one batch of Zr-2.5%Nb alloy, that contained an array of large
carbides, cracks in the oxide at the sites of these particles provided the cathodic sites. In the absence of such particles,
far fewer cathodic sites were found in oxides on Zr-2.5%Nb alloy specimens than on Zircaloy-2 specimens. These few
sites were always small cracks in the oxide film. Exposure to a low pressure hydrogen atmosphere created many more

cracks and cathodic sites in the oxide on Zr-2.5%Nb. © 1999 Elsevier Science B.V. All rights reserved.

1. Introduction

The observation that zirconium alloys absorbed some
hydrogen during corrosion in water was one of the
earliest consequences of the oxidation process in high-
temperature water to be established [1]. Forty-five years
later, the large amounts of hydrogen absorbed by Zir-
caloy-4 cladding in pressurized water reactors after high
fuel burnups have become one of the factors limiting the
achievable lifetime for the fuel [2,3]. Redistribution of
this hydrogen as a result of small local temperature
gradients (e.g. at pellet interfaces or spalled oxide
patches) has been one of the contributing factors here
[4-6] because of the concern that such areas might be
very brittle. Hypotheses for the mechanism involved in
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this hydrogen absorption process have been proposed at
regular intervals during the intervening years, yet with-
out any clear agreement being reached on the micro-
mechanism involved.

For much of this time there has been a tendency to
regard the mechanisms for hydrogen absorption from
hydrogen gas by preoxidised specimens and the mecha-
nisms by which hydrogen enters the metal during cor-
rosion in aqueous environments as being basically
different [7,8]. Recent publications [9,10] have conclud-
ed, however, that the hydrogen uptake process during
aqueous corrosion is very localised, and that there may
be little difference (except of scale) between uptake from
hydrogen gas and from aqueous environments. It is the
purpose of this paper to present the results of current
studies aimed at identifying the localized sites at which
hydrogen may be being absorbed and to characterize
their persistence (or otherwise) during oxidation. How-
ever, it would appear to be valuable to first look at the
previous hypotheses for hydrogen uptake to see why
they fail to explain the observed phenomena.

0022-3115/99/$ — see front matter © 1999 Elsevier Science B.V. All rights reserved.
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2. Past hypotheses

It was assumed, to begin with, that (at least during
pre-transition oxidation), oxide growth and hydrogen
absorption both proceeded completely by solid state
diffusion processes, even in high temperature water.
Furthermore, it was argued that the diffusion coefficients
for hydrogen in zirconium oxide films could be mea-
sured by exposing preoxidized specimens to a low
pressure of hydrogen gas [11-14]. This was maintained
despite the long-published observations that the oxide
on zirconium underwent a rapid breakdown (in <5 min.
at 400°C) if the specimens were transferred from an
oxygen to a hydrogen atmosphere [15-17] and that
during such exposures (in hydrogen or in vacuo) some
dissolution of the oxide into the metal occurred [18].

Despite the evidence that some sort of sudden
breakdown in the oxide was necessary before rapid up-
take of hydrogen gas ensued, the onset of this rapid
uptake was correlated with an increase in the oxide
conductivity during the exposure of preoxidized speci-
mens to vacuum or hydrogen, which was explained as to
be indicative of an increase in the vacancy concentration
in the oxide. The enhanced diffusion of some hydrogen
species as a result of the enhanced vacancy concentra-
tion was proposed as the mechanism of hydrogen ingress
[11-14]. Later work in this field correctly established
that the uptake process was phase boundary controlled
and not diffusion controlled after oxide breakdown [19].

During the course of these studies, it became evident
that, at temperatures below ~600°C (873 K) the diffu-
sion of the oxide film into the metal was highly localized
at grain boundaries [20,21]. This suggested that, in order
to evaluate the nature of the breakdown process leading
to the rapid uptake of hydrogen gas, it would be nec-
essary to do some high resolution electron microscopy
on the prior metal grain boundary regions of thin oxide
films before and after exposure to vacuum or hydrogen.
When studies of this type were performed on van Arkel
zirconium [7], it was observed that rapid dissolution of
the oxide films occurred at preferred sites along the prior
metal grain boundaries and generated small pores that
passed right through the oxide film. The average oxide
thickness did not change significantly during this pore
generation at temperatures <400°C (673 K). This ex-
planation fitted the observations of rapid hydrogen up-
take following an incubation period for exposures to
hydrogen gas, but was not believed to be possible in the
presence of an oxidizing atmosphere, since even small
additions of oxygen were found to stop uptake from
hydrogen gas [22,23].

Nevertheless, some investigators still think that the
rates of transport of hydrogen through oxide films that
are measured by exposing preoxidized specimens to low
pressure hydrogen atmospheres represent the diffusion
of hydrogen through the ZrO, of the oxide film, or

through some fraction of its thickness described as the
‘barrier film’ [24,25], since they equate their results either
with ‘effective diffusion coefficients’ or associate them
with earlier claims to have been measuring such a dif-
fusion coefficient [14]. The correct interpretation of the
hydrogen or deuterium profiles measured by secondary
ion mass spectrometry (SIMS) in such studies, however,
requires considerably more information than was pro-
vided. Not least, the question of whether hydrogen
species observed in oxide films are in fact in transit into
the metal substrate must be addressed. An answer to this
question for preformed oxide films exposed to hydrogen
gas was given early [26] by tritium autoradiography
studies which showed that exposures to gaseous tritium
revealed tritium in the metal phase but no tritium in the
oxide through which it had passed. This is in line with
the explanation given above for exposures of preoxi-
dized specimens to hydrogen, and suggests that the hy-
drogen species observed in oxide films grown in aqueous
environments are not those involved in the hydrogen
uptake by the metal. They are either species incorpo-
rated in pre-transition oxides during the corrosion pro-
cess (which are immobile) or OH™ groups on the walls of
pores in porous oxides (which are rapidly exchanged).

Early nuclear reaction results showed that the aver-
age hydrogen (deuterium) concentration in a thin oxide
film is about ten times greater than that in the metal [27].
This has been confirmed by conventional analytical
techniques for thick oxide films formed in-reactor [28].
By comparing analytical results for autoclave specimens
with and without their oxides removed [29] it was found
that the hydrogen concentrations in the oxide and the
metal were similar (Table 1) during laboratory testing.

Recent studies have shown that H can be exchanged
for D (and the reverse) in an oxide film on an almost
quantitative basis without any evidence that a different
fraction of these species entered the metal than would
have been normal for the time and temperature of the
exchange experiment. This exchange can be made
quickly (a fraction of an hour) at temperatures around
300°C (573 K), and at similar speeds for the Li®’ and
B!l exchange processes if these species had been in-
corporated into the oxide by exposure to solutions
containing LiOH or H;BO; [30,31]. That all three ex-
change reactions should proceed at similar rates is
plausible only if the species are in similar locations in the
oxide. This will most probably be the case if all three
species are present as ions adsorbed on pore walls in the
oxide. The profiles of each species would then indicate
the distribution of porosity in the oxide rather than a
diffusion profile in the ZrO, lattice.

There is still no satisfactory value for the diffusion
coefficient of hydrogen species in the ZrO, lattice. Some
preliminary nuclear magnetic resonance experiments on
deuterium in oxide films suggested very low jump fre-
quencies and hence diffusion coefficients, but the study
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Table 1

Hydrogen contents measured in ZrO, films formed in pH 12 LiOH at 360°C.

Specimen Over Aw Initial H Final H (ppm) H in oxide

2

numbers pressure (mg/dm?) (ppm) Oxide present Oxide (ppm)

removed (estimated)
150°C degas 350°C degas

A4 H, 351 14 906 841 883 565-885

A8 0, 357 14 1096 1088 1150 690-735

B4 H, 520 16 836 831 944 455-475

B8 0, 499 16 1283 1401 1319 1030-1065

Cc4 H, 579 15 5474 6735 6544 2400-6300

C8 0, 445 15 3933 4325 4783 865-2390

7-3 0O, 222 7 715 739 698 1790-2030

8-4 0, 304 10 639 628 634 505-590

was not completed. Attempts to measure diffusion co-
efficients using deuterium implanted into oxide films on
Zr-Nb alloys and Zircaloy-2 [32,33] showed loss of
deuterium during the implantation process and de-
creasing peak heights without peak broadening follow-
ing short anneals in air. No examination of the oxides
for radiation damage as a result of the implantation was
performed. The attempt to avoid oxide breakdown by
performing the anneals in air was probably inappropri-
ate for Zr—Nb alloys as it has long been known that
transfer of Zr-Nb alloys oxidized in steam to an oxygen
containing environment results in a rapid oxide break-
down [34,35]. This was thought to result from micro-
cracking resulting from the oxidation of NbO, (the
highest niobium oxide formed in steam) to Nb,Os, with
a correspondingly large increase in volume. Preliminary
observations [36] of the location of Nb in the oxide on
the o-Zr phase of Zr—2.5%Nb have shown the existence
of isolated high Nb oxide crystallites amongst the pre-
dominantly low Nb crystallites of ZrO,, forming the
majority of the oxide on the o-Zr areas. Oxidized B-Zr
regions with their high Nb contents also show high Nb
in the oxide but the crystallite size is too small to dis-
tinguish the individual crystallites [36,50].

One of the early observations of variability in hy-
drogen uptake between alloys showed a strong depen-
dence on the chemical nature of the alloying additions,
most of which were relatively insoluble in zirconium,
and hence were present in the form of intermetallic
particles [37,38]. The very different hydrogen storage
properties of these intermetallics when compared to the
zirconium matrix led to the suggestion that intermetallic
particles in the oxide/metal interface might act as ‘win-
dows’ for hydrogen entry [7,39]. This has led to several
recent studies where hydrogen concentrations in the in-
termetallic particles have been observed by tritium au-
toradiography [40-42]. Such evidence has been argued
to favour an ingress route via the intermetallics for hy-
drogen absorbed during aqueous corrosion. However,
the difference in the heats of solution and solubilities for

hydrogen in the intermetallics phases compared with the
matrix suggests that these redistributions into the in-
termetallics occur during the cooling of the specimens.
This is the same property difference that leads to hy-
drogen segregation into the Zr barrier in barrier clad-
ding during cooling [43]. Whether a fast enough quench
could be performed on the intermetallics to show
whether the hydrogen was concentrated in them during
corrosion has not yet been demonstrated.

Nevertheless, experiments in which Zircaloy-2 still
showed higher initial hydrogen uptake rates than Zir-
caloy-4, even though all Zr,(Fe/Ni) particles in the sur-
face had been dissolved during the initial pickling of the
specimens, suggested that the intermetallic particles
themselves were not participating directly in the hydro-
gen uptake process [10]. If the ingress is via small flaws
in the oxide as was proposed, then it would be the effect
of the intermetallics (or the geometrical effects of the
etch pits resulting from their dissolution) on the local
flaw generation process that would be the important
factor.

The aim of this study has been to identify the loca-
tions of the cathodic sites (the points at which the ca-
thodic half-cell reaction proceeds during oxidation) in a
range of alloys and batches to establish what the com-
mon features of such sites are, and to see whether such
sites are permanent features of the oxide or change
randomly as oxidation progresses.

3. Experimental

Specimens were selected from already oxidized cou-
pons for which the corrosion conditions were well known.
Samples came from batches of van Arkel zirconium (Be),
Zircaloy-2 (Bh) and Zr-2.5%Nb (U, Bg, Aw and pressure
tube#790). Details of the specimens are given in Table 2,
and analyses of the materials in Table 3.

The specimen edges were masked with epoxy, and
other anomalous features (e.g. any scratches received
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after oxidation) were also masked. The specimens had a
small electrical contact abraded in one corner and were
then cathodically polarized in 0.1 molar CuSO, under
conditions established previously [44] for depositing
small copper balls at sites where the cathodic current
was flowing in anodic oxide films. Maximum voltage
and current were limited to 2 V and 1 mA/cm?, respec-
tively, to avoid potential damage to the oxide. For in-
stance, in some samples where only one or two active
cathodic sites were observed per mm? there was a con-
cern that ohmic heating at these sites might cause oxide
breakdown. After copper deposition, the location of the
copper deposits was mapped using a SEM. The copper
deposits were then dissolved in 50% nitric acid and the
deposition sites were revisited to identify the features at
which the cathodic current had flowed.

The copper deposition process was repeated at least
once more on all specimens to establish whether the
same sites were still active, and to ensure that no new
sites had been created. After the final deposits had been
removed, the epoxy was also removed and the specimen
surface cleaned. Specimens that had initially been oxi-
dized in 400°C steam were then reoxidized under the
same conditions and the copper deposition process re-
peated to see if the same sites remained active.

4. Results

Copper deposits were formed invariably at small
cracks in the oxide film on Zircaloy-2, even for pre-
transition oxide (~1.2 pm). These cracks were typically
at either the sites of residual scratches in the initial
surface (Fig. 1), where residual stresses in the metal led
to an array of cracks, or at small cracks around the
edges of etch pits resulting from the dissolution of in-
termetallic particles during specimen preparation
(Fig. 2). These active cathodic sites remained in opera-
tion when the copper deposition and removal step was

Table 2
Details of specimens selected for cathodic polarization

repeated (Fig. 3). The sizes of the Cu balls deposited on
the various active sites changed considerably from one
deposition sequence to the next. Where there were many
cathodic sites, some would not develop Cu deposits ev-
ery time, but no new sites occurred after the first depo-
sition step. The oxide film on the van Arkel zirconium
specimens was very heavily cracked, especially for the
thicker of the two oxide film areas (21 pum). The active
cathodic sites again were cracks in the oxide (Fig. 4)
generally associated with the big variations in oxide
thickness found in this material [45].

Active sites on oxide films on all Zr-2.5%Nb alloy
batches (except U) were fewer in number (per unit area)
than on Zircaloy-2, irrespective of the oxide thickness.
Sometimes only one major site was present on an area of
the specimen of several mm? (Fig. 5). It was thought
that such a single active site might be carrying all the
current and preventing the overpotential for Cu depo-
sition being reached at other sites. This was found to be
the case when the large active site in Fig. 5 was masked
with a small blob of epoxy. A number of minor sites
then showed up (Fig. 6), although the number remained
fewer per unit area than on the Zircaloy specimens.
These sites were also found to be small cracks in the
oxide. Because of the nature of these sites, a high current
flow does not start immediately when the current is
turned on after immersing the specimen in the electro-
lyte. The electrolyte first has to diffuse down the crack to
establish a conduction path. This is shown by the slow
increase of the current with time until the curve tends to
a plateau (Fig. 7). In practice, since the cathodic current
generates the available H by discharging protons, the
most active sites would be expected to be where the most
hydrogen was absorbed.

One batch of Zr-2.5%Nb alloy (U) showed many
more active sites than the others. These were at sites
peculiar to this batch, where a small area of thinner (<2
um), heavily cracked oxide was observed (Fig. 8). The
oxide in these areas also appeared to have been very

Alloy Specimen Oxidation Time (days) Environment Wt. gain FTIR oxide thickness (pm)
temp. (mg/dm?) spot a spot b spot ¢
Zircaloy-2 Bhl14 400°C 1 1 atm. steam ! 1.03 1.06 1.55
Zirconium BeS 400°C 8.5 1 atm. steam 237 20.8 134
Zr-2.5%Nb Aw265 300°C 7.0 air 150
+0.82 air 9.0 12.3 12.0 12.7
Bgl92 300°C 7.7 air 312 17.9?
Ule 300°C 2 air 54 4.2 4.3 4.2
143A(PT#790) 400°C 1 1 atm. steam
+380°C +1.5 D, 1.57
C1(PT#790) 400°C 1 1 atm. steam 1.54%

'Initial weight gain unknown, additional one day oxidation, weight gain = 6.8 mg/dm?.

2 Average of 10 spots.
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Table 3

Analysis of batches of zirconium alloys

Designation Be Bh U Bg Aw Pt#3790
Alloy (ppm)! Van Arkel Zr Zircaloy-2 Zr-2.5%Nb

Sn <10 1.45% 60 - <10 <25
Fe 80 1400 300 840 960 565
Cr 20 900 <30 115 25 <80
Ni <10 500 <25 13 40 <35
Nb <100 - 2.55% 2.52% 2.70% 2.66
C 35 80 218 140 65 136
N 12 20 65 57 24 31
(6] <5 1000 1220 950 1050 1150
H 2 10 45 8 4 <6
Si <40 70 <30 57 94 61

"Unless otherwise stated.

porous. These sites were identified as large carbide
particles (~10 um), and much thinner oxides had formed
on these particles than on the adjacent matrix (~4 pm).

The pressure tube specimens that had been oxidised
in steam also showed a few active cathodic sites that
were again found to be at small cracks. However, one
specimen that was heated in a low pressure hydrogen

atmosphere (360 h at 380°C in 10~ Pa D,) showed
many more such sites. These sites clustered in groups
and had a symmetry that suggested some relation to the
underlying metal structure (Fig. 9). These features may
be the boundaries of large o-Zr grains in the tube mi-
crostructure, but the actual sites of copper deposition
were again the tips of small cracks in the oxide.

Fig. 1. Distribution and sites of Cu deposition on Zircaloy-2 (Bh14): (a) Low magnification view of Cu deposits. b) One Cu particle
from (a). c) Site of Cu particle from (b) after dissolution. (d) Enlarged view of this site. (¢) Repeat Cu deposition in area in (a). (f)
Enlarged view of second deposition on site in (b). Arrows indicate Cu deposition sites.
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Fig. 2. Cu deposition at an array of etch pits in the original specimen surface (Bh14): (a) Cu deposit in situ. (b) Site after dissolution

of Cu.

After a further 24 h in 400°C steam, none of the
previous cathodic sites remained active on any of the
specimens, and new sets of sites were observed (Fig. 10).
Reexamination of the previous sites, now no longer ac-
tive, showed that there had sometimes been some small
changes in the oxide topography. These, typically, were
the spalling of small pieces of oxide from the edges of
prior cracks in the oxide. Where previously active sites

Fig. 3. High mag. view of repeat Cu deposition on the same site
as Fig. 2. Note that although location was reproducible, size of
Cu deposit was not.

had been at the tips of arrays of small cracks formed in
the oxide on residual scratches from the specimen sur-
face preparation, there was often no visible change in the
site; not even a small extension of the crack tip could be
detected (Fig. 11). Nevertheless, these sites had obvi-
ously quickly repassivated.

5. Discussion

The observation that the active cathodic sites, in al-
most all cases, were found to be at the tips of small
cracks visible in the oxide surface (Figs. 1(d) and 5(c)),
and that the cathodic current required some time to
reach equilibrium after the start of polarisation (Fig. 7),
supports the hypothesis, presented earlier [9,10], that
hydrogen uptake takes place at sites where the oxide—
metal interface is directly accessible to the environment
at least for a brief period after the formation of the crack
or pore. Furthermore, the repassivation of these sites
and the generation of new ones supports the argument
that uptake sites are active only briefly during oxidation,
and any barrier layer is only a time-averaged boundary
marking the locus of the points of nearest approach of
cracks or pores to the oxide-metal interface [8]. It was
not possible with this technique to establish precisely
what the sites looked like at the oxide-metal interface,
but they probably look much like they do on the surface
since the sites identified in thin (80 nm) anodic films had
the same appearance [44].

The results also support the position that, at any
moment in time, a few of these flaws will pass right
through the oxide films. This argument was first made
for post-transition films on the basis of the effect of
pressure-changes made during oxidation on the instan-
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Fig. 4. Cu deposits and their sites on van Arkel zirconium (Be5): (a) First deposit. (b) second deposit. Note that site of large ball in (a)
has multiple small Cu particles in (b). (c) Sites arrowed in (b) after removal of Cu deposit. (d) Enlargement of (c).

Fig. 5. Cu deposits on Zr-2.5%Nb specimen (Aw265): (a) Low magnification view showing Cu particles. (b) Site after dissolution of Cu
(optical micrograph).
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site from Fig.5a
now masked with

epoxy."

Fig. 6. Minor sites active after major site (shown in Fig. 5) was masked. Arrows indicate Cu deposits (optical micrograph).

taneous oxidation rate [46]. It would appear that this
may also be true during pre-transition oxidation, al-
though in this instance, the very small numbers of such
sites and their small fractional area may have had in-
sufficient effect on the pre-transition oxidation kinetics
to show up in the pressure-change experiments. The
whole cathodic current would be able to flow at only a
few such sites, whereas the oxide growth process at these

Current vs time for Cu deposit on Zr-2.5%Nb

specimen.

350 .

300 o
2 250 B ./
2 200 :
8 150
£ 190
3 100 |

50
0 ‘
0 100 200 300 400
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Fig. 7. Increase in cathodic current with time from the start of Fig. 8. Cu deposition at carbide particle sites in Zr-2.5%Nb

olarisation. U16) specimen.
p p
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Fig. 9. Distribution of Cu deposits on oxidized Zr-2.5%Nb (PT#790) before (a—e) and after (f~h) degrading in a low pressure hydrogen
atmosphere: (a) Specimen Cl, first deposit showing distribution of Cu particles. (b) Enlarged view of a Cu particle arrowed in (a). (c)
Second Cu deposit with polarization time reduced. (d) Enlarged view of (b). (e) Site after Cu dissolution. (f) Specimen 143A, first
deposit showing distribution of Cu particles. (g) Second Cu deposit with polarization time reduced. (h) Sites after Cu dissolution.

Arrows locate identical site in each micrograph.

sites would not contribute much to the overall average
oxide growth rate. This is in accord with the argument
made from changes in hydrogen uptake rate when TSSy
in the matrix is exceeded [9,10]. These changes were
found to occur both for pre- and post-transition oxide
films (when suitably sized specimens were examined)
suggesting that the hydrogen uptake mechanism was the
same and was a very localised phenomenon (<107*
surface area ratio during post-transition oxidation)
during both stages of the oxidation process. The very
small cracks identified here as cathodic sites would fit
the criteria for such uptake sites.

The large increase in the number of active sites
following heating in hydrogen gas, mainly associated
with an array of small cracks visible on the surface
(Fig. 9), suggests that unlike van Arkel Zr, where small
roughly circular pores were generated along prior metal
grain boundaries by heating in vacuo, in Zr-2.5%Nb
samples heated in hydrogen, it is oxide dissolution at
the bottoms of pre-existing (but already passivated)
cracks, or the creation of new cracks, in the oxide that
creates active cathodic sites. Without stripping the ox-
ides and examining the oxide inner surface (which was
not done here), it is not possible to tell whether very



B. Cox, Y.-M. Wong | Journal of Nuclear Materials 270 (1999) 134-146 143

localized oxygen dissolution in the metal was involved
in this instance.

The idea that hydrogen uptake during corrosion may
be a microscopic version of secondary hydriding by a
steam depletion mechanism such as leads to secondary
hydriding failures of nuclear fuel cladding [10,47] re-
mains possible, although this study has not resulted in
any unequivocal evidence in its favour. When all the
evidence is considered, not least the very low (and un-
measured) diffusion coefficients for hydrogen in bulk
Z1r0,, it seems to be the micro-mechanism that best fits
what we know up to this point, since the occurrence of
the cathodic half cell reaction at such sites would rapidly

ig. 9. Cont.

form a small hydrogen bubble [48]. Further evidence
that would support this would be observations (by either
tritium autoradiography or SIMS) showing that hydride
precipitates were being formed at a few sites on the
oxide-metal interface once TSSy was exceeded. The
specimens would need to have been rapidly quenched
from the corrosion temperature to avoid such segrega-
tion happening during slow cooling from the oxidation
temperature.

The anomalous conditions observed when large (10
um) carbide particles were present in the Zr-2.5%Nb
alloy is expected to be uncommon, since such particles
are not normally present in current production
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Fig. 10. Area shown in Figs. 1 and 2 (arrows) after a further 1
day oxidation in 400°C steam. New Cu deposit sites also shown
by arrows.

Zr-2.5%Nb pressure tubes. The observation of thinner
than average oxide over the carbide particles is in line
with early work on carbon-melted zirconium, as is the
very cracked nature of the oxides formed on such par-
ticles [49]. However, even small carbides, which re-
mained undetected in other Zr-2.5%NDb batches may be
providing sites for hydrogen ingress. A study of H up-

take by Zr—2.5%Nb tubes as a function of carbon con-
tent (especially for carbon contents above the carbon
solubility of ~100 ppm) could be valuable.

6. Conclusions

The results of the work presented here support an
hypothesis that hydrogen uptake during zirconium alloy
corrosion is a very localized process. The sites where the
cathodic process proceeds had the following character-
istics:

e They were invariably locations where cracks or small
holes were visible in the oxide.

e They were not associated with intermetallics in the
initial specimen surfaces, but pits resulting from in-
termetallic dissolution during pickling often formed
small cracks at their lips that were cathodic sites.

e The sites persisted at room temperature and could be
re-decorated, however, even a short oxidation repass-
ivated all previous sites, but generated new ones of
similar type.

e In one batch of Zr-2.5%Nb alloy, large (10 pm) car-
bide particles provided areas of very cracked oxide
that were the most active cathodic sites.

e Most batches of Zr-2.5%Nb alloy showed very few
cathodic sites, perhaps the cause of their low hydro-
gen uptake properties.

e Exposure of oxidized Zr—2.5%Nb specimens to a low
pressure hydrogen environment generated large num-
bers of cracks penetrating to the oxide-metal inter-
face that provided extended arrays of cathodic sites
rather than the usual discrete sites. Reoxidation rap-
idly repassivated these. The generation of cracks in

Fig. 11. Details of sites that had previously been active, but were repassivated by heating in 400°C steam: (a) Note small amount of
spalling in some places, but no extension of crack patterns at site of scratch in initial surface. (b) Same area as Fig. 1(a) after oxidation.
Note very small non-Cu deposit (arrowed) formed during oxidation in steam on the previous cathodic site (1d).
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the oxide on Zr-2.5%Nb exposed to hydrogen differs
from previous observations of pore generation along
prior metal grain boundaries in the oxide on van
Arkel Zr.
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